In this study, the integrity of electron beam-(EB-) welded CA6NM-a grade of 13% Cr-4% Ni martensitic stainless steel-was assessed through the entire joint thickness of 90 mm after postweld heat treatment (PWHT). e joints were characterized by examining the microstructure, residual stresses, global mechanical properties (static tensile, Charpy impact, and bend), and local properties (yield strength and strain at fracture) in the metallurgically modified regions of the EB welds. e applied PWHT tempered the "fresh" martensite present in the microstructure after welding, which reduced sufficiently the hardness (<280 HV) and residual stresses (<100 MPa) to meet the requirements for hydroelectric turbine assemblies. Also, the properties of the EB joints after PWHT passed the minimum acceptance criteria specified in ASME sections VIII and IX. Specifically, measurement of the global tensile properties indicated that the tensile strengths of the EB welds in the transverse and longitudinal directions were on the same order as that of the base metal (BM). Evaluation of the local tensile properties using a digital image correlation (DIC) methodology showed higher local yield strengths in the fusion zone (FZ) and heat-affected zone (HAZ) of 727 MPa and 740 MPa, respectively, relative to the BM value of 663 MPa. Also, the average impact energies for the FZ and HAZ were 63 J and 148 J, respectively, and attributed to the different failure mechanisms in the HAZ (dimples) versus the FZ (quasi-cleavage consisting of facets and dimples). is study shows that the application of PWHT plays an important role in improving the weld quality and performance of EB-welded CA6NM and provides the essential data for validating the design and manufacturing process for nextgeneration hydroelectric turbine products.
Introduction
EBW is an established technology that has been widely adopted for high integrity fabrication of critical assemblies, especially in the aerospace sector [1] . In other industries, the ever-increasing demands for higher performance products have brought about increasingly stringent and extreme requirements for joining that, over the years, has been considered through the selection of EBW to achieve high quality, as well as flexible and cost-effective manufacturing [2] . For instance, to improve the power generating efficiency and reliability of hydroelectric power systems, the most critical component, the turbine assembly-that consists of various heavy section subcomponents made of low carbon martensitic stainless steels (e.g., runner blades, crown, and band) welded together-must be designed and manufactured for high performance (strength and toughness), as well as low operational and maintenance requirements over its long-service life of more than five decades [3] . Presently, the turbine assembly is joined using a multitude of passes with GMAW or FCAW processes in the manual or semiautomated mode; hence, the product quality, manufacturing repeatability, and performance reliability are highly dependent on the operator skills. Even so, these conventional arc welding processes are inherently high in heat input, which renders considerable part distortion, pronounced residual stresses, and large metallurgically modified regions (FZ and HAZs) in the assembly [4] . By contrast, advanced high energy density processes, such as EBW, can offer considerable technological advantages for full penetration in thick gage sections by means of an autogenous single pass process. High penetration depth and low heat input characteristics of EBW [1] generate a narrow FZ with a restricted HAZ, as well as minimized shrinkage and distortion [2] that, in turn, are promising for more uniform and/or reliable mechanical performance. erefore, EBW has been envisioned as a candidate process for the manufacture of next-generation hydroelectric turbine products to take advantage of its high power density capability that can generate narrow and deep welds to penetrate heavy sections in a single pass without the need for welding consumables [5] . Typically, hydroelectric turbine products are assembled from thick-walled stainless steel materials, such as CA6NM, a low-carbon 13% Cr-4% Ni martensitic grade that is manufactured in cast form, and has high strength, good toughness, and corrosion resistance [6] . However, transfer of the manufacturing design for turbine products from conventional arc welding to EBW necessitates a good understanding of the process impacts on the weldability and performance of the turbine material(s). To generate the essential performance data needed to validate turbine product design for manufacturing assembly with EBW, a multiyear collaboration was undertaken to evaluate the feasibility of the process to join heavy section turbine materials, such as CA6NM [7] and UNS S41500 [8] . e mechanical performance data generated for both materials indicated that the welds exhibited high strength and toughness [9, 10] without PWHT. However, the residual stresses after EBW (∼600 MPa) CA6NM [11] were 110% of the YS of the alloy and greater than that recommended to prevent the initiation of unstable/premature failure. us, understanding the role of PWHT on the characteristics and properties of CA6NM EB welds is crucial for comprehensive assessment of the process feasibility to guide industrial practice for manufacturing low-carbon 13% Cr-4% Ni martensitic stainless steels. With this objective, the present study on PWHT of heavy section (90 mm thick) EB welds in CA6NM was undertaken to characterize the microstructure, microhardness, global mechanical properties (static tensile, Charpy impact, and bend), local properties (YS L and strain), and through-thickness residual stresses.
Experimental Procedure
In consideration of the design specifications for hydroelectric turbine manufacturing, the material selected for welding was 90 mm thick cast ASTM A743 grade CA6NM [12] in the normalized and double-tempered (Table 1) condition. e chemical composition (wt.%) of the CA6NM alloy was 11.74% Cr, 3.64% Ni, 0.58% Mn, 0.013% C, 0.45% Mo, 0.50% Si, 0.025% P, and 0.015% S, as measured by optical emission spectroscopy, inert gas fusion (for O and N), and high temperature combustion (for C and S) methods.
Before welding, coupons-250 mm long, 80 mm wide, and 90 mm thick-were machined from normalized and tempered CA6NM. For each weld, two coupons with a square butt joint configuration and no intentional gap were tack welded, demagnetized, and fixed in a clamping fixture for butt welding (Figure 1 (a)), as described in [10] . e recommended guideline for welding heavy sections (>12 mm thick) of 13% Cr-4% Ni martensitic stainless steel is to reduce the cooling rate during solidification by preheating from 100°C to 170°C [7, 14, 15] . To preheat the CA6NM inside the EBW chamber, an EBZHT [16] was developed and validated by the authors previously [7, 10, 15] . In this study, multiple EBZHT passes were conducted to achieve the required temperature range. e preheated joints were then autogenously EB welded in the flat position (1G) using a 42 kW Sciaky W2000 EBW system (60 kV/700 mA) at a pressure lower than 6.7 × 10 − 3 Pa. e EB was defocused by 12% and positioned at 63 mm below the top surface of the coupon. e welding conditions enabled nearly full penetration in the 90 mm thick joint and a quality level B, the most stringent requirement in [17] . It is noteworthy that partial penetration welds were performed with a purpose of emulating the common industrial practice of using a backing plate. Also, the welding conditions were repeated twice to verify process repeatability.
PWHT conditions were selected according to the recommended guidelines in [18] that stipulate cooling after welding to 95°C or below to ensure that the martensite phase completely transforms prior to retempering between 565°C and 620°C. Hence, for PWHT in this study, each weld-cooled to room temperature after welding-was heated at a rate of 50°C/h to 600 ± 5°C, followed by holding for 12 h and then furnace cooling.
To measure the longitudinal residual stress by means of the contour method, the welds were sectioned using wire EDM to extract two transverse halves, as detailed in [19] [20] [21] . e creation of these two new surfaces, shown in Figure 1 (b), results in relaxation of the residual stresses and associated deformations of the partitioned planes. e displacement over these new surfaces were then measured using a confocal, white light, noncontact profilometer with 0.1 mm grid spacing, and a resolution of 0.06 μm for the altitude and 2 μm on the lateral displacements. After Gaussian filtering of the data, cubic splines with a 0.4 knot/ mm grid density were used to depict the surfaces and averaged to remove any effects of the shear component of stress, as discussed by Prime [20] . e resulting displacement data were then mapped on the applied FE mesh (Figure 1(c) ), which consisted of 205,000 eight-node hexahedral elements with a side length of 1 mm and an aspect ratio of roughly one that gave a mesh-independent solution. e residual stresses normal to the sectioned face were then computed and mapped using an in-house elastic FE code that considered the bulk material behavior as isotropic and en, to extract the samples for metallography (microscopy and microhardness) and mechanical testing (transverse and longitudinal tensile, Charpy impact, and bend), the welds were sectioned using EDM, as shown in Figure 2 (b). e metallographic sample was prepared and chemically etched with Vilella's reagent, as described in [21] . e FZ and HAZ were examined using optical microscopy (Olympus GX-71) at magnifications up to 1000x.
Vickers microhardness testing, according to [22] and detailed in [10] , was performed using a Struers DuraScan machine with the ecos Workflow ™ software module to obtain two-dimensional maps of the hardness distribution using a load of 500 g, a dwell period of 15 s, and interval spacing of 2 mm.
For tensile mechanical property testing of welds in heavy sections, the recommended practice [23] for sampling is to extract multiple samples through the thickness. As shown in Figures 2(c) and 2(d), four transverse tensile samples (T1-T4) were extracted from a transverse cross section of the welds (Figure 2 (c)) and six longitudinal tensile samples (L1-L6) were extracted parallel to the weld seam and in the FZ (Figure 2(d) ). Figures 2(e) and 2(f ) give the geometry of these two types of standard subsize tensile samples that were extracted from the EB welds and machined following the principles given in ASTM E8M-16a [24] for a GL of 25 mm. To extract the longitudinal tensile samples from the FZ, the FZ was revealed by etching the polished weld sections in an aqueous solution of Vilella's reagent. In the case of the transverse samples, the relative fraction of the GL that consists of the FZ, ascribed as parameter FZ/GL, varied through the thickness of the weld. e FZ/GL ratio of each tensile sample was also determined using metallography to reveal the different microstructural regions (FZ, HAZ, and BM). Both the transverse and longitudinal samples were tested at room temperature using a 250 kN MTS testing frame integrated with a laser extensometer and a noncontact optical 3D deformation measurement system, Aramis
as illustrated in Figure 3 (a). Prior to tensile loading, the etched side of the sample was marked with two pieces of retroreflective tape to define the gage length for the laser extensometer measurements during testing (Figure 3(b) ). On the opposite unetched side, the tensile sample surface was first painted with a white background and then a highcontrast random pattern of black speckles was applied ( Figure 3(c) ). As the functionality of the Aramis ® system is sensitive to the quality of this speckle pattern, verification of pattern recognition was performed before tensile testing to ensure proper strain recording along the entire GL [26] . Tensile tests were conducted until rupture using displacement control at a rate of 2 mm/min. To obtain the global stress-strain curves and related mechanical properties, the load data collected from the tensile testing machine were used to calculate the engineering stresses during the test, while the related strains were calculated from the displacement obtained from the laser extensometer. e mechanical properties evaluated in this work included the YS (0.2% proof stress), UTS, and %El obtained from the stressstrain curve of each tensile sample. e deformation captured by the Aramis ® system was used to map the 2D strain distribution along the GL of each tensile sample. Since the acquisition rate of the tensile machine and the laser extensometer (50 Hz) was different from the Aramis ® system (2 fps or 2 Hz), synchronization of data was performed using an in-house code that matched the failure stage/point of the two strain acquisition systems and back-calculated the related stress data for each deformation stage recorded by the Aramis ® system. In the end, the stressstrain curves obtained using the load data from the tensile machine with the strain data from the Aramis ® system or the laser extensometer were compared to ensure corroboration between the two strain data sets. From the strain distribution maps captured using DIC, the strain localization just prior to rupture was examined. To extract values for the YS L in the different microstructural regions (FZ, HAZ, and BM) of the GL (Figure 2 (c)), the local stress strain curves were plotted using the methodology described in [26] . After testing, the tensile fracture surfaces were observed using secondary electron imaging at 20 keV on a Hitachi 3600N SEM. For Charpy V-notch testing, sampling was undertaken in both the HAZ (CVNH1-CVNH3) and FZ (CVNF1-CVNF3) through the thickness, as shown in Figures 4(a) and 4(b), respectively. A 2 mm deep V-notch was then machined in the desired area (FZ or HAZ) of the Charpy samples (Figures 4(c) and 4(d)) that had final dimensions of 10 mm × 10 mm × 55 mm, in accordance with the geometrical specifications given in ASTM E23-12c [27] and ASME Section VIII [28] . Charpy V-notch impact testing was carried out at − 18°C (a temperature requirement of GE Renewable Energy's specification for hydroelectric turbine manufacturing) using a Tinius Olsen pendulum impact machine (model IT 406) to evaluate the fracture toughness in the FZ and HAZ of the welds. e Charpy fracture tips and surfaces were then observed using OM and SEM. e formability of the weld was assessed by three-point bend testing of two through-thickness cross-sections, extracted transverse to the weld seam ( Figure 5 ), as described in [21] and in accordance with [23] . e tension side of each bend sample was observed visually using stereomicroscopy to examine the presence of any discontinuities that were assessed in accordance with [23] .
Results and Discussion

Microstructure and Hardness Evolution in PWHTed CA6NM Joined by EBW.
e BM microstructure of the asreceived CA6NM in the normalized and tempered conditions consisted predominately of tempered martensite laths ( Figure 6(a) ). Analysis of the other microstructural constituents using image analysis with optical microscopy and XRD, as given in Table 2 , indicated that residual levels of coarse primary δ stringers (∼5%) from the steelmaking (casting) process and retained austenite (2.9%)-typically at lath interfaces-were present in the BM. Heating during autogenous EBW, followed by solidification on cooling, led to the occurrence of different thermal cycles across the weldment and the formation of different metallurgically modified regions, namely, the FZ, HAZ, and BM. During heating, high temperature phases, such as austenite and δ, formed in the weldment. Cooling to ambient temperatures after EBW led to reverse transformations in the weldment (Figures 6(b) and 6(c)) and the formation of "fresh" untempered martensite, hereafter referred to as retransformed martensite. Also, in the FZ, the presence of fine secondary δ (∼5%) was observed in the interdendritic regions, and roughly ∼1.1% retained austenite-most likely present between the martensitic laths-was measured by XRD. Relative to the normalized and tempered conditions of the BM, the formation of untempered martensite in the weldment caused an increase in hardness in the FZ and HAZ, as illustrated in Figure 7 . e average hardness values measured were 362.8 ± 5.6 HV and 388.7 ± 5.7 HV in the FZ and HAZ, respectively. Also the occurrence of a maximum or peak hardness of 408 HV was identified in the HAZ. e occurrence of a hardness peak in the HAZ is attributed to the dissolution of carbides in the high-temperature austenite phase that forms on heating during welding. On cooling, this high carbon content austenite in the HAZ reverts to untempered martensite with a higher carbon content and gives rise to a peak hardness. Previously, for autogenous EBW of UNS S41500 stainless steel-the wrought equivalent to cast CA6NM-a similar trend of a lower hardness in the FZ (∼365 HV) relative to a peak hardness in HAZ (∼400 HV) was reported in [8] .
PWHT at 873 K (600°C) for 12 hours had the effect of reducing the hardness in the FZ and HAZ of the CA6NM EB welds, as illustrated in Figure 7 . Specifically, after PWHT, the average hardness values measured were 269.2 ± 6.8 HV in the FZ and 277.2 ± 6.7 HV in the HAZ. Relative to the as-welded condition, the hardness decrease of 25.8% and 28.7% in the FZ and HAZ after PWHT is attributed to tempering of the retransformed martensite. Figures 6(d) -6(f) illustrate the typical microstructures in the different regions of the weldment after PWHT that consisted predominately of retempered lath martensite. In the FZ, the characteristics and levels of secondary fine δ in the interdendritic regions remained similar after PWHT. Likewise, within the BM and HAZ, the primary and/or secondary δ (after EBW) were observed to have similar characteristics after PWHT due to the negligible changes in this phase during low temperature tempering (600°C). By contrast, the retained austenite fraction (as measured by XRD) in the FZ (10.2%) and BM (22.4%) increased after PWHT. For this latter, during retempering above the Ac1 temperature of ∼580°C, some martensite in the microstructure would partially transform to austenite (often referred to as reversed austenite). Hence, during holding for 12 h at 600°C, an increasing quantity of reversed austenite can be stabilized and, during cooling, be retained at room temperature through a mechanism described as anomalous phase transformation that is driven by a nonuniform distribution of solute concentration and the existence of local stresses in the martensite [29, 30] . As austenite is softer than martensite, an increasing fraction of the former phase in the microstructure leads to further softening of the BM after retempering.
Global and Local Properties from Static Tensile Loading of PWHTed CA6NM.
e global tensile properties (YS, UTS, and %El) of CA6NM were measured after PWHT using Fine, interdendritic * Presence between martensite lath is not resolvable using OM and/or SEM and fraction measured by XRD. Advances in Materials Science and Engineering various tensile samples extracted through the thickness of the autogenous EB welds in the longitudinal (L1-L6) and transverse (T1-T4) directions. e values of these properties, as well as the FZ/GL ratio and failure location, are reported in Table 3 . e joint efficiency-ratio between the UTS of the welded joint to that of the BM (755 MPa)-that was calculated for both the longitudinal and transverse tensile sample types indicated equivalent static tensile strengths for the CA6NM EB butt welds after PWHT relative to the requirements for the BM. e acceptance criteria for welded CA6NM, as given in ASME Section IX [23] , stipulates a UTS of at least 5% above the minimum UTS of the BM (or >793 MPa) and tensile failure in the BM of the weld. In both the longitudinal and transverse directions, the tensile strength of the autogenous CA6NM EB welds after PHWT met this minimum requirement. However, the failure location was different for specific samples (L1-L6 and T1-T2) and reasoned on the basis of the FZ/GL ratio through the constituents (FZ, HAZ, and BM) present in the GL of each of these samples. For instance, all the longitudinal samples (L1-L6) failed in the FZ because the entire GL comprised the FZ only (FZ/GL ratio of 1). In the case of the T1 sample that had a FZ/GL ratio of 0.9, the GL comprised mostly of the FZ (at the center) with a minor presence of the HAZ (at both peripheries). In the absence of the softer BM region in the GL, strain localization and failure during tensile loading of T1 was observed to occur in the FZ, as illustrated in Figure 8(a) . is corresponds well with the observed hardness evolution (Figure 7 ) from the FZ (265-275 HV) to the FZ/HAZ boundary (290 HV peak), in which the FZ is the softest region. By contrast, the T2 sample, with a FZ/GL ratio of 0.45 and a GL also consisting of a central FZ and a HAZ at each periphery, failed in the HAZ. In the T2 sample, there is a higher fraction of HAZ in the GL. Hence, regions close to the HAZ/BM boundary (Figure 7 ) that are softer (∼260 HV) than the FZ (265-275 HV) are present in the GL. During tensile loading, strain localization and tensile failure in T2 are thus observed to occur in the softest region of the HAZ, as illustrated in Figure 8(b) . Finally, for samples T3-T4, the GL comprised all three constituents in a typical weld: FZ, HAZ, and BM. In this case, strain localization and tensile failure occurred consistently in the BM (Figures 8(c) and  8(d) ), the softest region (∼245 HV) in the PWHTed CA6NM welds.
From a perspective of material design allowable data for CA6NM EB welds after PWHT, the global tensile properties measured from samples T3-T4 are representative of the entire welded assembly, due to the sampling of each characteristic region-FZ, HAZ, and BM-in the weldment. Overall, these tensile properties for the PWHTed CA6NM EB welds corroborate well with those reported previously [21, 31] for low-carbon 13% Cr-4% Ni martensitic stainless steel grades, including UNS S41500, as tabulated in Table 4 . e differences in tensile properties between PWHTed CA6NM and UNS S41500 can be attributed, for instance, to differences in chemistry (particularly, the carbon content) of the alloys and heat treatment conditions (normalizing and tempering temperature and time).
To comprehensively understand the effect of the different regions in the CA6NM EB welds on the mechanical performance after PWHT, the values for YS L (Table 5 ) in the FZ, HAZs, and BM were determined for samples T1 to T4 from their strain distribution maps of the gage area just before rupture (Figure 8 ). Specifically, in these strain maps, the region of strain concentration, indicated as the area with the highest intensity, corresponds to the location of the fracture that occurred immediately afterward. For each transverse tensile sample, the strain distribution map (Figures 8(a)-8(d) ) revealed strain inhomogeneity and localization in the region of final fracture with significantly lower plastic deformation in the remaining areas of the gage section. Accordingly, notwithstanding the average global strain value of 18% (Table 4 ) for samples T1-T4, the maximum local strains in the area of failure ranged from 26% to 32% (Figures 8(a)-8(d) ). In the case of T1, where failure occurred in the FZ (YS L � 727.7 MPa) at a strain of 32% locally, Figure 8(a) gives evidence for the very low straining (<4%) in the higher strength HAZ areas (YS L � 738.8 MPa) in the gage section. Similarly, in the T2 sample, the high strength regions of the gage section comprising the FZ (YS L � 728.4 MPa) and the adjacent HAZ (YS L � 741.3 MPa) areas exhibited very low strains (2-6%) locally, whilst in the softest region of the HAZ (YS L � 718.0 MPa) near the BM, the local strains reached 26% before failure. In both the T3 and T4 samples, the GL comprised of all three constituents (FZ, HAZ, and BM) of the EB weld and failed in the softest BM region (YS L � 663.2 MPa) that exhibited local strains of ∼28% just before failure. In comparison, the FZ and HAZ in T3 and T4 had local strains of less than 9%. Overall, the average YS L in the FZ and BM was calculated to be 727.2 MPa and 663.2 MPa, respectively. For the HAZ, in the region of peak hardness, the highest average YS L value of 740.1 MPa was observed, whilst the average YS L closer to the BM was 712.0 MPa. It is noteworthy that the average YS L measured After static tensile loading, the fracture surfaces of the longitudinal and transverse samples were examined at low and high magnifications using SEM (Figures 9 and 10 ). For the longitudinal tensile samples that comprised entirely of Advances in Materials Science and Engineering the FZ, the fracture surface characteristics were typical of ductile failure with the presence of fine dimples (Figures 9(a) and 9(b)) formed by the void nucleation and coalescence mechanism. ese dimpled fracture surface characteristics were also observed for the T1 sample-that consisted primarily of the FZ (FZ/GL ratio of 0.9)-as tensile failure occurred in the FZ (Figures 10(a)-10(b) ). By contrast, the T2-T4 samples (Figures 10(c) -10(h)) that failed in the BM (or in its proximity) demonstrated ductile fracture surfaces but with a combination of coarse and fine dimples. ese dimples were typically associated with the presence of inclusions and/or second phase particles, as evident in the higher magnification images shown in Figure 10 . us, during tensile loading of the PWHTed EB welds, microvoids initiated through decohesion between the martensitic matrix and these particles/inclusions and/or rupture of the particles/inclusions. Overall, the failure mechanisms describing fracture initiation (microvoids), propagation (void coalescence), and rupture (cracking) for the PWHTed CA6NM EB welds are in good agreement with the observations reported for PWHTed CA6NM welds joined by HLAW [31] and PWHTed UNS S41500 EB welds [21] .
It is well known that the stress, and, accordingly the strain, to nucleate microvoids decreases with increasing particle size [32] . Accordingly, the larger second phase particles/inclusions in the microstructure (e.g., coarse primary δ in Figures 6(a) and 6(d) ) of the BM relative to the FZ (e.g., fine secondary δ in Figures 6(b) and 6(e)) could explain the lower global (18%) and local (26-28%) fracture strains in the former compared to the latter that fractured at 22% (global) and 32% (local), respectively. ese findings demonstrate the high integrity and performance of the FZ microstructure of the EB welds in the PWHTed (tempered) condition relative to the properties of the tempered CA6NM casting, which typically exhibits defects (cavities and inclusions) remnant from the casting process [33] .
3.3. Charpy V-Notch Impact Characteristics of the FZ and HAZ after PWHT. From the Charpy V-notch tests undertaken at − 18°C on the FZ and HAZ, the impact energies and failure locations were measured for the CA6NM EB welds in the PWHTed condition, as given in Table 6 . e average Charpy V-notch impact energy values in the FZ (63.3 ± 4.6) and HAZ (148 ± 18.0) of the CA6NM EB welds in the PWHTed condition (Table 7) superseded the minimum requirements of 27 J specified in ASME Section VIII, Div. 1 [28] .
Relative to as-welded CA6NM, PWHT was effective in doubling the impact energy in the hardest region (FZ) of the EB welds, as compared in Table 7 . e higher impact toughness measured for the FZ and HAZ after PWHT can be attributed to a reduction in the dislocation density and internal (residual) stresses (as described below) in the EB welds that occurred due to tempering of the retransformed martensite in the microstructure of the FZ and HAZ, as well as the formation of reversed austenite during prolonged holding for 12 hours at 600°C. Specifically, it has been reported that the reversed austenite transforms to martensite (stress-induced transformation) during impact loading and acts as a shock absorber that reduces the energy available for crack propagation [34, 35] . e transformation of reversed austenite to martensite has been reported to occur through the mechanism of transformation-induced plasticity that has been associated with high-toughness properties [29] .
It is noteworthy that PWHT enabled qualifying the CA6NM EB welds to surpass the more stringent impact energy specification of 34 J at − 18°C set by GE Renewable Energy [18] for their hydroelectric turbine manufacturing, which could not be met in the as-welded condition. Also, the improved impact performance findings validate that the selection of the thermal conditions (temperature and time) and procedure for PWHT from ASME Section IX are applicable for heavy gage (90 mm thick) EB welds in CA6NM. Finally, considering the comparable impact properties of CA6NM welds joined using high energy/power density technologies, as given in Table 7 , the EBW process has advantages over HLAW of reduced operational costs (no groove preparation, filler metal addition, or high purity gas shielding), significantly higher penetration capacity as well as healthier/safer working environment (no emissions or ozone generation). e fracture tips and surfaces in the FZ and HAZ for two representative Charpy samples-CVNF2 and CVNH2-were examined using OM and SEM at different magnifications, as shown in Figure 11 . For cracking initiated in the FZ during impact loading (CVNF2 sample), the OM image of the fracture tip, as given in Figure 11 (a), showed no evidence of crack path deviation to the HAZ. Propagation of the initiated crack appeared to advance from the notch through the tempered martensitic structure of the FZ (Figure 11(b) ). e fracture surface consisted predominately of cleavage facets (Figure 11(c) ). But, fractography, at higher magnifications, also revealed necklace-like structures of fine dimples clustered around these facets (Figures 11(d) ). us, though the primary fracture mode for the CVNF2 sample-notched (and failed) in the FZ-was quasi-cleavage, the presence of these dimples gives evidence for the concomitant occurrence of secondary ductile failure mechanisms in the FZ during impact loading.
By contrast, there was greater evidence of crack path deviation during impact loading of the Charpy samples notched in the HAZ, as seen in Figure 11 (e) for CVNH2. From the OM images of the fracture tip, the initiated crack (in the HAZ) propagated somewhat in the direction of the HAZ/ FZ boundary (Figure 11(e) ) and the crack path consisted of fractured δ particles, as well as voids nucleated at δ/martensite interfaces (Figure 11(f) ). However, final failure of this initiated crack remained within the HAZ. Overall, there was strong evidence of considerable plastic deformation in the HAZ with the dimples on the fracture surface being indicative of failure occurring predominately through microvoid nucleation, growth, and coalescence (Figures 11(g) and 11(h) ). e ductile fracture mode in the HAZ (CVNH2) compared to the mixed brittle (cleavage) and ductile fracture mechanisms in the FZ concur well the higher impact energies measured for the former, as given in Tables 6 and 7 for the EB welded CA6NM after PWHT.
Bend Test Results of EB Welded CA6NM after PWHT.
For quality control, side bending testing of butted joints is typically used to quantitatively assess the weld ductility and integrity so as to ensure manufacturing consistency. During Table 6 : Charpy V-notch impact properties in FZ and HAZ of PWHTed EB welds tested at − 18°C.
Sampling ID
Notch location Impact energy (J)  Failure  location  CA6NM  CVNF1  FZ  68  FZ  CVNF2  FZ  57  FZ  CVNF3  FZ  65  FZ  CVNH1  HAZ  156  HAZ  CVNH2  HAZ  127  HAZ  CVNH3 HAZ 160 HAZ 28.5 N/A ASME Section VIII Div. 1 [28] N/A N/A ≥27
GE Renewable
Energy [37] N/A N/A ≥34 side bending, the outer bend surface plastically deforms in tension and any discontinuities present in the weld can be revealed. Figure 12 (a) schematically illustrates side bending of a transverse face specimen, which is particularly suited for revealing lack of fusion defects on the side wall or at the root, as well as any possibility of premature failure in the high hardness (more brittle) regions of the FZ and HAZ. To test the full weld thickness, two halves of an EB welded transverse cross section were side bend tested. After bending, the outer surfaces of the specimens were examined using stereomicroscopy to identify any discontinuities/defects that may have opened on the tensile face. According to the specifications in ASME Section IX [23] , an open defect that exceeds 3.2 mm in length in the FZ or HAZ on the convex (tension) face is a cause for weld rejection. As revealed in Figure 12 (b), the PWHTed EB welds in CA6NM exhibited uniform and adequate bending across both transverse faces (i.e., covering the entire joint thickness) without the manifestation of any discontinuities, thereby meeting the acceptance criteria of ASME Section IX [23] . Hence, the FZ and HAZ of the EB weld in CA6NM after PWHT are qualitatively integral, ductile, and adequately bonded.
Residual Stress Distribution in EB Welded CA6NM after
PWHT. After PWHT, the longitudinal residual stresses through the thickness of the CA6NM EB weld were distributed, as shown in Figure 13 , with maximum tensile and compressive stresses of ∼100 MPa occurring in the HAZ and FZ, respectively. e compressive residual stresses in the FZ of the EB weld may be attributed to the low transformation temperature of the martensite phase (M s of 270°C and M f of 90°C) in 13% Cr-4% Ni martensitic stainless steels. In particular, during cooling after welding of CA6NM, the low temperature transformation of austenite-to-martensite comes with significant increases in the specific volume. is volumetric expansion then contributes significantly towards the development of compressive residual stresses and can compensate for the tensile residual stress transpiring from the accumulated thermal contraction strains due to EBW [38] . As the authors observed previously for as-welded CA6NM [11] , the core FZ region in the heavy section weld can thus develop very high compressive residual stresses (− 500 MPa) relative to the HAZ that experiences high tensile residual stresses (600 MPa). During PWHT, stress relaxation mechanisms [39] reduce both the compressive and tensile residual stresses in the CA6NM EB weld. In particular, during heating in a furnace to the PWHT temperature, the residual stresses decrease because of the reduction in the yield strength with temperature [40] . en during holding at the PWHT temperature, the residual stresses decrease further through a combination of creep strain-induced relaxation [41] and phase transformation (tempered martensite). After PWHT, gradual cooling of the weld should limit increases in residual stress-that would occur due to the temperature dependency of the mechanical properties-and give a stress state with lower and more uniform compressive and tensile stresses compared to their initial levels.
Considering the minimum YS of 550 MPa specified in ASTM A743-19 for CA6NM [12] , these residual stresses in the EB weld after PWHT are quite low-less than 18% of the minimum YS value. e present findings corroborate well with the maximum residual stresses of 136 MPa and − 152 MPa reported, respectively, for the longitudinal and normal directions in multipass arc welded ASTM A743M Grade CA6NM after PWHT [42] . In consideration of the damage tolerance design approaches for welded CA6NM in hydroelectric turbines [43] [44] [45] , reduction in the residual stresses to levels between 10 and 25% of the YS [46] through PWHT have been reported to decrease the fatigue crack growth rate through plasticity-induced crack closure during dynamic loading [47] . Hence, the effective reduction in the tensile residual stresses in the HAZ after PWHT of the CA6NM EB welds is expected to improve the fatigue crack resistance, the extent of which needs to be validated through future work aimed at advancing a damage tolerant design, so as to understand the fatigue behaviour of high energy density welds in 13% Cr-4% Ni martensitic stainless steels.
From a perspective for hydroelectric turbine manufacturing, the qualitative and quantitative assessments undertaken in the present work highlight the good intrinsic mechanical resistance (high tensile strength and ductility, high toughness, good bend performance, and a low level of residual stresses) of the EB welds in CA6NM after PWHT, as well as the high potential for advanced assembly with a single pass process. Moreover, EB processing would benefit both manufacturing sustainability and environmental management through elimination of groove preparation, filler metal and gas shielding consumables, preheating, and multiple welding passes. Also, as the current PWHT practice in industry for arc welded CA6NM is directly applicable and appropriate for the EB welds, existing suppliers can be effectively relied on to provide services for the secondary operations after assembly. Finally, as an automated process, EBW would mitigate exposure of the workers to fumes and gases that would greatly contribute to improving the health and safety conditions in the workplace. Advances in Materials Science and Engineering 13
